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Comparative performance of selected bond coats

in advanced thermal barrier coating systems
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An investigation was carried out to determine the comparative performance of selected
bond coats representing the diffusion aluminides and overlays in thermal barrier coating
systems. Emphasis was placed upon oxidation behavior, thermal stability, and failure
mechanism. Isothermal oxidation tests were carried out at temperatures in the range of
1000 ◦C to 1150 ◦C. Scanning electron microscopy combined with energy dispersive x-ray
spectroscopy, x-ray diffraction, and transmission electron microscopy were used to
characterize the coating microstructure. Among the bond coats examined, overlays
exhibited the best performance followed by Pt-aluminides and simple alunimides for a
given alloy substrate. However, for all types of bond coats, failure of the coating system
occurred by decohesion of the oxide scale at the oxide-bond coat interface. All bond coats
examined were found to be degraded by oxidation and interdiffusion with the alloy
substrate permitting the formation of non-protective oxide scale near the bond coat
surface. Platinum as well as active elements such as Hf and Y were identified as key
elements in improving the performance of thermal barrier coating systems.
C© 2000 Kluwer Academic Publishers

1. Introduction
Increasing turbine entry temperature (TET) is consid-
ered the dominant factor in new designs of large tur-
bofan engines, e.g. [1]. Improved cooling methods and
use of thermal barrier coatings are considered to be the
most technically and economically feasible means for
increasing the operating temperature of a gas turbine en-
gine [2]. Design concepts of aero-engines require that
turbine blades must maintain both mechanical strength
and surface integrity over thousands of hours at elevated
temperatures under the combined effect of high stress
levels and very corrosive environment. With continued
demand for higher strength, newer alloys and manu-
facturing techniques have been developed. Inevitably,
however, there has been a steady decrease in environ-
mental resistance limiting component life and requiring
the application of surface protection systems. An alu-
minizing treatment has been the earliest coating method
involving diffusion of aluminum into the surface lay-
ers of superalloy substrate. Upon exposure to elevated
temperatures, the Al-rich surface layer develops a slow
growing and thermodynamically stable film of Al2O3
acting as an effective barrier between the alloy and en-
vironment, e.g. [3]. With the increasing importance of
surface degradation as a component life-limiting factor,
more advanced coating systems based upon the above
concept have been developed.

An increase in turbine entry temperature by as much
as 50–100◦C equivalent to 2–4 generations of super-
alloy development can be achieved by means of a
thermal barrier coating system (TBC) where a conven-
tional metallic coating (diffusion aluminide or over-
lay) is insulated by a ceramic coat usually ZrO2 stabi-
lized by the addition of about 8% Y2O3 [4, 5]. Prior
to depositing the ceramic top coat, the metallic bond
coat is made to develop a thin layer of Al2O3 scale
about 1µm in thickness to act as a glue bonding the
top coat to the bond coat and provide additional ox-
idation resistance. In addition to reducing the tem-
perature difference between the outer surfaces of the
top coat and bond coat by as much as 150◦C, these
coating systems reduce thermal shock loads on the
blades [4].

Thermal barrier coating systems have been success-
fully used on stationary components such as vane plat-
forms [6–8], and a considerable effort is now directed
toward extending their application to turbine blades.
This is largely dependent upon the use of suitable bond
coat systems. Earlier studies have demonstrated that
TBC systems fail be decohesion between the oxide
layer developed by the bond coat and the top ceramic
coat, e.g. [9–16]. It is the objective of this paper to ex-
amine the comparative oxidation characteristics of var-
ious bond coat systems including aluminide, platinum
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TABLE I Nominal chemical composition of alloy substrates (weight
percent)

Element MAR-M 002DS SRR 99 RR 2000

Ni Balance Balance Balance
Co 10 5 15
Cr 9 8.5 10
Al 5.5 5.5 5.5
Ti 1.5 2.2 4
Hf 1.25 0.05a 0.05a

W 10 9.5 0.5a

Mo 0.5a 0.5a 3
Ta 2.5 2.8 0.05a

Zr 0.055 0.01a 0.01a

V — — 1
Fe 0.5a 0.1a 0.1a

B 0.015 —
C 0.15 0.015 0.015a

aMaximum.

aluminides and overlays with particular emphasis on
their thermal stability.

2. Experimental procedure
Alloy substrates included in this study were the di-
rectionally solidified alloy MAR M 002 DS∗ and the
single-crystal alloys SRR 99∗ and RR 2000 (∗MAR M
is a registered trademark of Martin Marietta Corp., SRR
and RR are registered trademark of Rolls-Royce plc).
Their nominal compositions are listed in Table I. Simple
aluminide coatings (nominal Al content= 25 weight
%) were applied on rod samples (8 mm in diameter)
of the alloy substrate by the pack cementation process
[8, 17]. Platinum aluminizing to produce nominal Pt
and Al contents of 55 weight % and 25 weight % res-
pectively was performed by first electroplating a
6–8 mm thick layer of Pt on the alloy surface followed
by diffusion and aluminizing treatments [18]. Both
aluminide and Pt-aluminide coatings had a nominal
thickness of 50µm in the solution-annealed condition.
An overlay coating of the MCrAlY-type with a nom-
inal composition (weight %) of Co, 32Ni, 21Cr, 8Al,
0.5Y was applied by the standard technique of vacuum
plasma spraying [4, 19]. In the heat-treated condition;
the nominal coating thickness was about 100µm. A
250µm layer of the ceramic top coat (ZrO2-8 weight %
Y2O3) was applied by the electron beam vacuum evap-
oration technique Oxidation tests were carried out at
1100◦C and 1150◦C with a 24-hour cycling period to
room temperature. Scanning electron microscopy com-
bined with energy dispersive x-ray spectroscopy, x-ray
diffraction, and transmission electron microscopy were
used to characterize the coating microstructure.

3. Results and discussion
3.1. Comparative life of coating system

at 1150 ◦C
A typical microstructure of a cross-section of a ther-
mal barrier coating system (TBC) is shown in Fig. 1.
Initially, the interfacial oxide layer of Al2O3 base scale
acting as a glue between the top coat and bond coat

Figure 1 A typical microstructure of a cross-section of a thermal barrier
coating system in the heat-treated condition; the arrows indicate the
growth mode of the oxide during exposure at elevated temperatures.

Figure 2 Comparative average life of various bond coats as determined
from oxidation tests in air at 1150◦C with a 24-hour cyclic period to
room temperature (alloy MAR M 002 DS substrate).

has a thickness of about 1µm. To distinguish the oxide
developed during subsequent exposure at elevated tem-
peratures, it is usually referred to as thermally grown
oxide. Consistent with the results of earlier studies [17],
the thermally grown oxide was found to develop by in-
ward diffusion of oxygen, i.e. oxide growth occurred
by inward movement of the oxide-bond coat interface
as shown in Fig. 1. This was indicated by the absence
of oxides of substrate elements near the oxide-top coat
interface as shown later.

As an example, Fig. 2 illustrates the average life of
the TBC system for various types of bond coats on alloy
MAR M 002DS as determined from oxidation tests in
air at 1150◦C with a 24-hour cyclic period to room tem-
perature. It is demonstrated later that the failure mode
for all bond coats examined was decohesion between
the thermally grown oxide and bond coat. Spallation
of the top coat occurred only during cooling and as
room temperature was approached indicating that ther-
mal stresses provided the driving force for decohesion
between the oxide and bond coat.
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Figure 3 Microstructural characteristics of a simple aluminide coating on alloy MAR-M 002DS in the heat-treated condition. (a) Backscattered
images illustrating the coating microstructure parallel to the surface and along the cross-section. (b) X-ray diffraction pattern derived from thecoating
surface (β-phase; cubic B2-type superlattice). (c) X-ray energy spectrum representative of theβ-phase at the coating surface. (d) Corresponding
chemical composition. (e) Identification ofα-Cr near the coating surface (dark-field TEM image and corresponding [111] microdiffraction pattern and
x-ray energy spectrum). (f) X-ray energy spectrum of the grain boundary Hf-rich phase at the coating surface. (g) Corresponding x-ray wavelength
spectrum illustrating the presence of W at grain boundaries. (h) X-ray energy spectrum representative ofβ-phase in the inner coating layers. (i) X-ray
energy spectrum representative ofα-phase in the inner coating layers.

Decohesion of Al2O3 scale is known to be a relatively
common occurrence during cooling or thermal cycling
where thermal stresses are developed because of the dif-
ferences in thermal contraction/expansion coefficients
between the scale and substrate [20]. Since the coef-
ficient of thermal expansion of the metallic substrate
(bond coat) is typically greater than that of the oxide,
compressive stresses are rapidly induced within the ox-
ide making relief by deformation rather difficult and
leading to decohesion of the scale [21, 22].

3.2. Microstructure of bond coat in the
heat-treated condition

Fig. 3 summarizes the microstructural characteristics
of simple aluminide coating on alloy MAR M 002DS
in the heat-treated condition. It is observed from Fig. 3a
that the coating consists of three distinct layers: i) an
outermost fine-grained layer, ii) an intermediate coarse-
grained layer, and iii) an inner interdiffusion zone of
columnar morphology. These characteristics are typi-
cal of an inward aluminide coating produced by inward
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Figure 4 Microstructural characteristics of a Pt-aluminide coating on alloy MAR-M 002DS in the heat-treated condition. (a) Backscattered images
illustrating the coating cicrostructure parallel to the surface and along the cross-section. (b) X-ray diffraction pattern derived from the coating surface;
standard patterns of NiAl and PtAl2 are shown. (c) X-ray energy spectrum representative of the outermost coating layer. (d) X-ray energy spectrum
representative of the intermediate coating layer. (e) X-ray wavelength spectrum illustrating the absence of W and Ta in the outermost coating layer.
(f) Chemical composition of the coating layers. (g) Concentration profile of Pt across the coating layers and into the interdiffusion zone.

diffusion of Al [22, 23]. In this case, substrate elements
are transported into the outermost coating layer. As
demonstrated in Fig. 3b, the outermost layer consisted
of β-NiAl (cubic B2-type superlattice;a = 0.294 nm)
containing Co,Ti, and some Cr in solid-solution (Fig. 3c
and d). Excess Cr and Mo not in solid-solution were pre-
cipitated as fine particles ofα-Cr,Mo (body-centered
cubic;a= 0.2885 nm) within the matrix ofβ-phase as
shown in Fig. 1e. Precipitates along grain boundaries at
the coating surface (Fig. 3a) were found to be Hf-rich
(Fig. 3f) demonstrating the very limited solubility of Hf
in theβ-phase. Evidently, Hf in the alloy substrate (see
Table I) had diffused into the coating during processing.
Since very little or no Hf was detected in the inner lay-
ers, it appeared that Hf had the tendency to segregate at
the coating surface. Also, the precipitate was found to
contain a small concentration of W (Fig. 3g). Although
theβ-phase within the inner layer was found to contain

a small concentration of W (Fig. 3h), most of the W
was present in the form of (Ni,Co)CrWα-phase pre-
cipitates at grain boundaries of theβ-phase and within
the interdiffusion zone (Fig. 3i). It is possible to con-
clude from these observations that both Hf and W had
limited solubility in theβ-phase, however, because of
the slow diffusivity of W, it was mostly present within
the inner coating layers.

In addition to the W-richα-phase, the columnar
β-phase matrix of the interdiffusion zone was found
to contain particles of MC-type carbides (Ta,Ti-rich
and Hf-rich). Since these phases are enriched in slow-
diffusing refractory transition metals, they could act as
effective diffusion barrier between the coating and su-
peralloy substrate improving the coating resistance to
oxidation and hot corrosion by restricting loss of Al
either by inward diffusion into the substrate and/or out-
ward diffusion of Ni and other substrate elements [24].
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Figure 5 Microstructural characteristics of an overlay coating [(Ni+Co)CrAlY] on alloy MAR-M 002DS in the heat-treated condition. (a) Backscat-
tered images illustrating the coating microstructure parallel to the surface and along the cross-section. (b) X-ray diffraction pattern derived from
the coating surface (c) X-ray energy spectrum representative of theβ-phase. (d) X-ray energy spectrum representative of theγ -phase. (e) Chemical
composition of theβ-phase andγ -phase. (f) Secondary electron image of coating cross-section (SEM mode of an AEM at 200 keV). (g) Corresponding
x-ray mapping image of Y.

Differences in superalloy substrate composition were
found to be reflected upon the structure and composi-
tion of the interdiffusion zone. For example, due to the
absence of C in alloy SRR 99 (Table I), its interdiffu-
sion zone contained only W-richα-phase, and was free
of MC-type carbides particularly those enriched in Ta
and Ti. Therefore, during subsequent exposure at ele-
vated temperatures, elemental Ta and Ti would be avail-
able to diffuse into the coating surface, which could
degrade the protective nature of Al2O3 scale in contrast
with the case of alloy MAR-M 002DS as shown later.
In the case of alloy RR2000 (Table I), only Ti would be
available to diffuse into the coating. Therefore, the ex-
tent of coating degradation by interdiffusion would be
expected to vary with superalloy substrate composition
through its influence on the structure and composition
of the interdiffusion zone.

Among the most important modifications aiming at
improving the performance of simple aluminides is the
addition of Pt [18]. Similar to a simple aluminide, a

Pt-aluminide coating is developed by interaction with
the alloy substrate. However, the presence of a Pt-rich
phase at the surface could limit the outward diffusion
of substrate elements particularly transition metals as
well as active elements such as Hf promoting selective
oxidation Al resulting in a purer scale of slower growth
rate and better adherence [25–28].

Addition of Pt to a simple aluminide results in the
formation of a Pt-rich intermetallic phase in the outer-
most coating layer such as PtAl2, Pt2Al3, or PtAl de-
pending upon the coating type [29]. Fig. 4 illustrates
the microstructure of a Pt-aluminide coating on alloy
MAR M 002DS produced by the addition of Pt to the
aluminide coating/substrate system of Fig. 3.

It is observed from Fig. 4a that the coating con-
sisted of two outer layers and an inner interdiffusion
zone similar to the case of the above simple aluminide
(inward-type coating). However, in comparison with
the aluminide coating on the same alloy (Fig. 3), the
outermost layer became free of precipitates such as
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Figure 6 Evolution of the oxide scale developed by a simple aluminide coating on alloy MAR-M 002DS during exposure at 1100◦C. (a) 1 hour of
exposure. (b) 24 hours of exposure. (c) 100 hours of exposure.

α-Cr andσ -phase. As shown in Fig. 4b, this layer con-
sisted of a mixture of PtAl2 (cubic;a= 0.5926 nm) and
β-phase. Also, the outermost layer became free of tran-
sition metals (Fig. 4c), however, the intermediate layer
was found to contain relatively small concentrations
of these elements (Fig. 4d) indicating that Pt had re-
stricted the outward diffusion of these elements during
coating formation. Although no Hf was detected in the
outermost layer by energy dispersive spectroscopy, its
concentration could be very small in contrast with the
case of aluminide coating. Small but critical amounts of
active elements such as Hf could produce beneficial ef-
fects on the protective nature of Al2O3 scale, however,
larger concentrations could have adverse effects, e.g.
[30, 31]. Fig. 4e further confirms the absence of tran-
sition metals particularly W and Ta in the outermost
coating layer.

Fig. 4f summarizes the chemical composition of the
outer coating layers. It could be concluded from this
data that theβ-phase in the outermost layer contained
Pt, which could substitute for Ni. Also, the data indi-
cated that the intermediate layer consisted ofβ-phase
containing Pt. However, as shown in Fig. 4g most of
the Pt was concentrated in the outermost layer, and no
Pt was present within the interdiffusion zone. A com-
parison of the microstructural features of the aluminide

Figure 7 Schematics illustrating the mechanism of oxide formation on
a high activity aluminide coating (alloy MAR-M 002DS substrate) as a
function of exposure timet at a given temperature.
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Figure 8 Secondary electron images and corresponding x-ray energy spectra illustrating the morphology and composition of external scale developed
by a Pt-aluminide coating on alloys MAR-M 002DS (a) and SRR 99 (b) after 500 hours of exposure at 1100◦C in still air.

and Pt-aluminide coatings on the same alloy in the heat-
treated condition (Figs 3 and 4) revealed that the addi-
tion of Pt to the aluminide coating had increased its
diffusional stability, which could promote selective ox-
idation of Al as shown later.

Fig. 5 illustrates typical microstructural features of
an MCrAlY coating on alloy MAR M 002DS in the

heat-treated condition. As shown in Fig. 5a and b, the
coating consisted ofβ-phase (B2-type superlattice;a=
0.289 nm) dispersed in a matrix ofγ -phase (face-
centered cubic solid-solution;a= 0.358 nm). Yttrium
was found to be partitioned to theγ -phase consis-
tent with its known limited solubility in theβ-phase
as shown in Fig. 5c and d. As shown in the data of
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Figure 9 Secondary electron images illustrating the scale developed by an overlay coating [(Ni+Co)CrAlY] after 24 hours of exposure at 1100◦C.
(a) Alloy MAR-M 002DS substrate. (b), (c) Alloy RR 2000 substrate; particles of Ti-rich oxide are indicated by the arrows in (c).

Fig. 5e, theβ-phase was Ni-rich and theγ -phase was
Co-rich. Although some of the Y was found at the
coating-substrate interface in the form of a Ni-Y phase,
elemental Y in theγ -phase exhibited a tendency to
segregate near the coating surface as demonstrated in
Fig. 5f and g. In contrast with diffusion aluminide coat-
ings (Figs 3 and 4), the outermost coating layer was es-
sentially free of substrate elements reflecting the very
little or no interaction with the alloy substrate during
coating formation. This could contribute at least par-
tially to longer life of the respective thermal barrier
coating system as observed in Fig. 2.

As demonstrated below, the characteristic mi-
crostructural features of various types of coatings in
the heat-treated condition were reflected upon their ox-
idation behavior at elevated temperatures.

3.3. Oxidation behavior
Fig. 6 illustrates the evolution of oxide scale developed
by the aluminide coating on alloy MAR-M 002DS dur-

ing exposure at 1100◦C. During the early stages of
exposure (Fig. 6a), the coating developed two layers
of Al2O3: i) an outer layer containing small concentra-
tions of Cr, Ti, Co, and Ni, and ii) an inner layer con-
taining Hf and/or fine Hf-rich oxide particles improv-
ing its protective nature. One possible mechanism is
retarding crack propagation through the scale [32]. An-
other mechanism is blocking lattice diffusion through
the scale reducing its growth rate [33]. Also, it is pos-
sible that Hf segregates to grain boundaries of Al2O3
maintaining a fine-grained scale of improved mechani-
cal strength similar to the case of Y in overlay coatings
as demonstrated later.

With continued exposure, relatively large Hf-rich
oxide particles penetrating the coating were observed
(Fig. 6b). Coincident with this behavior was the partial
transformation ofβ-phase intoγ ′-phase (Ni3Al compo-
sition) along the grain boundaries as shown in Fig. 6b. It
is observed that the Hf-rich oxide particles were exclu-
sively present in the vicinity of coating regions trans-
formed into theγ ′-phase (Fig. 6b and c). Since Hf is
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(a) (b)

(c)

(d) (e)

(f)

Figure 10 Role of Y i n an overlay coating [(Ni+Co)CrAlY] on alloy MAR-M 002DS. (a) Bright-field TEM image illustrating the grain structure
of Al2O3 scale parallel to the plane of oxidation after 24 hours of exposure at 1000◦C. (b) Corresponding selected-area diffraction pattern indexed in
terms ofα-Al2O3 structure. (c) Concentration profile of Y across a grain boundary. (d) and (e) are dark-field TEM images illustrating the grain size
of the scale after 24 hours and 1000 hours of exposure at 1000◦C respectively. (f) Secondary electron image illustrating Y-rich oxide pegs penetrating
the coating (100 hours of exposure at 1100◦C).

known to have high solubility in theγ ′-phase, the above
observations indicated that theβ-phase→ γ ′-phase
transformation could have been initiated within the
pre-existing Hf-rich phase at the grain boundaries
(see Fig. 3). Further oxidation caused the Hf-rich oxide
particles to grow into relatively large pegs enveloped by
Al2O3 as shown in Fig. 6c. Associated with this behav-
ior was the development of less protective spinel-type
oxide near the coating surface as well as spallation of the
external scale. Based upon these observations, it is pos-
sible to summarize the oxidation mechanism as follows.

It is well known that Al2O3 and HfO2 are among the
most stable oxides as indicated by their enthalpy of for-
mation [34]. Also, it is known that active elements, e.g.
Hf, increase the Al activity [35]. Therefore it would be
expected that as the Hf-rich oxide continued to grow in-
ward, it drew Al into the stable HfO2/Al2O3 assembly
depleting the coating in Al. Simultaneously, the pres-
ence of larger concentration of W in the alloy could
restrict the outward diffusion of Al as discussed ear-
lier. Eventually, the coating became depleted in Al pro-
moting the transformation ofβ-phase into the Ni-rich

3623



Figure 11 Backscattered electron images illustrating the effect of expo-
sure time at 1150◦C on the microstructure of Pt aluminide bond coat.
(a) Unexposed. (b) 24 hours of exposure. (c) 48 hours of exposure. (d)
72 hours of exposure (alloy SRR99 substrate).

γ ′-phase (Ni3Al) as well as the formation of less protec-
tive oxides by outward diffusion of substrate elements.
Schematics illustrating these processes for a high ac-
tivity aluminide coating on alloy MAR-M 002DS are
shown in Fig. 7. Also, the adhesion of Al2O3 scale de-
veloped by a Pt-aluminide coating could be degraded
by the same mechanism shown in Fig. 7, however, a
longer exposure time at a given temperature would be
required to develop a given oxide morphology. It is to
be noted that the exact oxidation mechanism is modi-
fied by the respective superalloy substrate composition
as illustrated in the example given below.

Fig. 8 illustrates the components of external scale
developed by the same Pt-aluminide coating on alloys
MAR-M 002DS and SRR 99 after 500 hours of expo-
sure at 1100◦C. It is observed from Fig. 8a that the
external scale of alloy MAR-M 002DS contained only
Al2O3 similar to the case of a simple aluminide (Fig. 6),
however, the external scale of alloy SRR 99 (Fig. 5b)
contained a high density of fine Ti-rich particles iden-
tified as TiO2 as well as a Ta-rich oxide. Earlier studies
showed that Ti could have adverse effects on oxida-
tion resistance by forming TiO2 particles degrading the
adherence of Al2O3 scale [36, 37]. In the case of Ta,
there are some discrepancies regarding adverse effects

Figure 12 Comparative temperature-dependent reaction rate constant
(K) for interdiffusion between aluminde and Pt-aluminide coatings on
the same superalloy substrate as determined from the growth of interdif-
fusion zone.

particularly at high concentrations [38, 39]. It is then
evident that the coating on alloy MAR-M 00R is more
resistant to oxidation in comparison with alloy SRR
99. Similar to the case of diffusion aluminide coatings,
the oxidation behavior of overlay coatings was found
to be a function of superalloy substrate composition as
demonstrated below.

Fig. 9 shows the microstructural features of the ex-
ternal scale developed by the overlay coating on alloys
MAR M 002DS and RR2000 at 1100◦C. After 24 hours
of exposure, the external scale developed by the coat-
ing on alloy MAR-M 002DS was observed to be more
compact and have a finer structure (Fig. 9a) in compar-
ison with the case of alloy RR 2000 (Fig. 9b). Although
the scale of alloy MAR-M 002DS was found to consist
of only Al2O3, the scale of alloy RR 2000 contained par-
ticles of TiO2 as shown in Fig. 9c. As indicated above,
TiO2 particles could degrade the adherence of Al2O3
scale.

In general, no Y was detected in within the external
scale developed by MCrAlY coatings at least within the
detection limits of energy dispersive x-ray spectroscopy
(about 0.2 weight %). However, Y was detected within
the inner layers of the scale particularly near the oxide-
bond coat interface as summarized in Fig. 10 indicating
that Y could modify the oxidation behavior by more
than one mechanism. Fig. 10a shows a typical grain
structure of Al2O3 scale near the oxide-bond coat in-
terface and parallel to the plane of oxidation. A cor-
responding selected-area diffraction pattern indexed in
terms of the structure ofα-Al2O3 is shown in Fig. 10b.
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Figure 13 Thermal stability characteristics of an overlay coating on alloy MAR-M 002DS at 1000◦C and 1100◦C. (a) Effect of exposure time on
the concentrations of Ni and Co in theγ -phase. (b) Effect of exposure time on the coating morphology.

It is observed from Fig. 10c that Y had a tendency to
segregate at grain boundaries of Al2O3. This segrega-
tion could stabilize a fine-grained structure as shown in
Fig. 10d and e improving the high-temperature mechan-
ical strength of the scale [35, 40, 41] as well as reducing
its growth rate and in turn the extent of growth stresses

[35, 42]. Another beneficial effect of Y segregation to
grain boundaries could be filing of voids or pores along
grain boundaries and thus improving the scale cohe-
sion [43, 44]. A relatively small concentration of Y in
solid-solution as observed in Fig. 10c could decelerate
the kinetics of Al lattice diffusion further contributing
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Figure 14 Failure mode of a TBC system on alloy MAR-M 002DS at 1150◦C (Pt-aluminide bond coat). (a) and (b) are secondary electron images
illustrating the interfacial oxide morphology after 24 hours and 48 hours of exposure respectively. (c) Secondary electron image illustrating the
formation ofγ ′-phase in the outermost layer of bond coat after 48 hours of exposure. (d) X-ray energy spectra illustrating the composition of oxide
scale corresponding to regions 1 and 2 in (a), (b), and (c). (e) Secondary electron image illustrating the morphology of bond coat surface exposed by
failure after 96 hours of exposure. (f) A schematic illustration of the oxide morphology leading to decohesion between the oxide and bond coat.

to a reduced scale growth rate [45–47]. Yttrium could
also improve the protective nature of Al2O3 by form-
ing Y-rich oxide pegs as shown in Fig. 10f pinning the
scale to the substrate [48]. Other possible mechanisms
are based upon the role of Y as a S-getter improving
the scale adherence [49, 50], and as a strengthener of
the oxide-substrate interface [51].

3.4. Coating degradation modes: Thermal
stability characteristics

Earlier work suggests that loss of Al by diffusion into
the substrate eventually leading to a relatively homo-

geneous alloy is the principal degradation mode of alu-
minide coatings [24]. In the case of aluminide coatings
on Ni-base alloys, however, it has been argued that the
principal degradation mode is loss of Al due to con-
tinued oxide formation and spallation [23]. Although
this model may be valid at temperatures less than about
1050◦C, other studies indicate that the coating is first
depleted in Al by interdiffusion with the substrate fol-
lowed by rapid degradation due to formation of ox-
ides less protective than Al2O3 [30]. However, both the
oxidation resistance and thermal stability of the coat-
ing can be sensitive function of its manufacturing his-
tory and alloy substrate composition. For example, in
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Figure 15 Backscattered electron image and corresponding energy dispersive x-ray spectra illustrating the elemental compositions of various regions
marked 1, 2, and 3 of MCrAlY bond coat surface exposed by failure of the TBC system at 1150◦C (alloy MAR M 002DS substrate).

the case of an inward diffusion aluminide coating (see
Fig. 3), the outermost layer was found to contain all
substrate elements leading to precipitation ofα-Cr re-
ducing the thermal stability ofβ-phase and promoting
its transformation into the Ni-richγ ′-phase [24]. Also,
the presence of Ti in the outermost coating layer, e.g.
alloy SRR99 and to a larger extent in the case of alloy
RR2000, could degrade the adherence of Al2O3 scale
as pointed out earlier.

Our studies showed that both the simple aluminides
and Pt-aluminides were degraded by the same mech-
anism involving oxidation and interdiffusion at tem-
peratures≥1000 ◦C. For example, Fig. 11 shows the
effect of exposure time at 1150◦C on the microstruc-
ture of Pt-aluminide coating on alloy SRR99. After 24
hours of exposure, the grain boundaries ofβ-phase were
delineated by W-richσ -phase particles as shown by
comparing Fig. 11a and b. Also, the structure of the
interdiffusion zone became coarser relative to the un-
exposed condition indicating the onset of significant
interdiffusion. Partial transformation of theβ-phase
into γ ′-phase was observed after 48 hours of expo-
sure as illustrated in Fig. 11c. With continued exposure
(Fig. 11d), the density of theγ ′-phase was increased,
and theσ -phase particles became coarser. However, as
determined from the growth of interdiffusion zone for
a given superalloy substrate, the Pt-aluminide coating
exhibited a slower degradation rate in comparison with
simple aluminides as shown in Fig. 12. This reflected
the greater diffusional stability of the Pt-aluminide
coating in comparison with the aluminide coating con-
sistent with their initial microstructural characteristics
(see Figs 3 and 4).

Similar to aluminide coatings, overlay coatings were
found to be degraded by oxidation and interdiffusion
at temperatures≥1000◦C. Earlier studies showed that

the onset of significant interdiffusion is indicated by
about equal proportions of Ni and Co in the initially
Co-richγ -phase [24]. For example, Fig. 13a illustrates
the effect of exposure time at 1000◦C and 1100◦C
on the concentrations of Ni and Co in theγ -phase
and the corresponding effect on coating morphology is
shown in Fig. 13b. As expected, the kinetics of interdif-
fusion were accelerated as the temperature was raised
from 1000◦C to 1100◦C. With continued exposure,
aβ-phase depleted zone was developed at the coating
surface and it increased in width with time as the coating
became depleted in Al by the combined effects of oxi-
dation and interdiffusion. Simultaneously, theβ-phase
in the inner coating layers became rather blocky, and
eventually the entire coating layer was transformed into
γ -phase (Ni-rich solid-solution).

3.5. Failure mechanism of thermal barrier
coating systems

Thermal barrier coating systems using either a diffusion
aluminide or an overlay as a bond coat were found to
fail by void formation and coalescence near the oxide-
bond coat interface. However, the exact behavior varied
from one alloy substrate to another.

To exemplify the behavior of diffusion aluminide
bond coats, Fig. 14 summarizes the sequence of events
leading to failure of the coating system on alloy
MAR-M 002DS at 1150◦C. During the earlier stage of
exposure, Hf-rich oxide particles were formed beneath
the thermally grown layer of Al2O3 (Fig. 14a). With
continued exposure, the oxide particles grew into rela-
tively coarse pegs penetrating the bond coat (Fig. 14b).
Corresponding to this behavior, theβ-phase was par-
tially transformed into the Ni-richγ ′-phase (Fig. 14c).
This could be related at least partially to the tendency of
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Hf-rich oxide pegs to be enveloped by Al2O3 (Fig. 11c
and d) causing localized depletion in Al as discussed
earlier. Voids observed at the bond coat surface ex-
posed by failure contained Hf-rich oxide particles en-
veloped by Al2O3 as shown in Fig. 14e. These observa-
tions suggested that internal oxidation of Hf diffusing
from the alloy substrate as schematically illustrated in
Fig. 14f had eventually led to localized high levels of
stress concentration, which could only be accommo-
dated by forming voids. A similar behavior was ob-
served in the case of MCrAlY overlay coating as illus-
trated in Fig. 15. However, in this case, the failure was
promoted by internal oxidation of Y in the coating. In
the case of single-crystal alloys free of Hf, oxidation
of Ti near the oxide-bond coat interface played a more
dominant role in causing decohesion of the scale by
void formation.

It could be concluded from the above results that al-
though active elements such as Hf and Y could signif-
icantly improve the protective nature of the interfacial
oxide layer between the top coat and bond coat, it is very
important to be able to control the concentration of ac-
tive elements present near the interface. This may be
achieved by combining Pt and active elements in bond
coats of better thermal stability than the conventional
Pt aluminides.

4. Conclusions
For a given alloy substrate, overlay bond coats were
found to provide the best performance in thermal bar-
rier coating systems followed by platinum aluminides
and simple aluminides. However, all types of bond coats
were degraded by interdiffusion and oxidation, and the
coating system failed by the same mechanism involv-
ing decohesion of the oxide at the oxide-bond coat in-
terface. This could be related to outward diffusion of
substrate elements forming non-protective oxide scale
near the bond coat surface. Incorporation of platinum
as well as controlled amounts of active elements into
the bond coats could improve their performance.
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